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J. H. MAGILL
Materials Science and Engineering Department, School of Engineering,
University of Pittsburgh, Pittsburgh, PA, 15216, USA
E-mail: magill@engrng.pitt.edu

Chain-folding is a central feature of the self-organizational aspect of polymer in the solid
state, yet the ability of a polymer chain to organize into a folded morphology depends upon
its length. The shorter chains seem to fold with relative ease in dilute solution
crystallization, but in the melt where topological constraints are encountered, spherulitic
crystallization is less facile especially in the higher molecular weight fractions. Polymer
morphology and properties demonstrate this point clearly according to the experimental
evidence, obtained from several sources and presented in this article. For topological and
statistical reasons, longer chains are responsible for more interfacial disorder if the degree
of crystallinity, density, mechanical behavior, “fold” surface free energy, “transition” from
brittleness to toughness, and so on, may be used as guidelines. Spherulites of
homopolymers or copolymers are undoubtedly less ordered than crystals of comparable
MW fractions, if measured properties are a manifestation of morphology. The imperfections
in spherulites are mainly associated with the quasi-amorphous interlamellar regions within
them. Polymer crystallinity decreases as the molecular weight of polymer fractions increase
at comparable crystallization temperatures or undercooling conditions. This trend is true
for all polymers that have been studied extensively. C© 2001 Kluwer Academic Publishers

Prologue
I spent two six-week periods as a graduate summer em-
ployee about the mid 1950s at the ICI Dyestuffs Divi-
sion, Blackley, Manchester, UK, but I never met Andrew
Keller there. A few years afterwards when in the em-
ployment of British Nylon Spinners (BNS) in Pontypool,
South Wales I had prepared some very thin crystalline
platelets of several polyamides by means of melt crys-
tallization in a wedge-like geometry at relatively small
undercooling. Under the optical microscope they were
uniformly self-extinguishing in the optical microscope
and superficially reminiscent of polycrystalline metal-
lic grains. Peter Harris and I suspected that they might
be “single crystals” but we needed an electron micro-
scope. In due course, arrangements were made with
Prof. M. H. L. Pryce, F.R.S, Chairman of the H.H. Wills
Physics Laboratory, to use their electron microscope at
Bristol. This may have been the same instrument that
Andrew Keller had used to investigate his first solution-
grown polyethylene single crystals. Anyhow, Harris and
I were pleased to discover that our thin polyamide
films displayed several orders of diffraction! Shortly
afterwards, while still in the employment of BNS, an
ICI subsidiary, I attended an evening lecture presented
by Andrew Keller at the Royal Society of Chemistry,
London, UK in the early 1960s. Here I met him for

∗ In memory of Andrew Keller.

the first time. His topic was “The Morphology of Poly-
mers,” formation, sectorization, truncation and heat
treatment of crystals of polyethylene and spherulites of
other polymers. I was intrigued! I had better be, since
I had to write a report upon my return to BNS before
being reimbursed for my expenses! No reason, just com-
pany policy! Afterwards, we often met at meetings and
conferences, and this association led to my spending
a sabbatical leave during 1975–76 at the H. H. Wills
Physics Laboratory. The discussions over the morn-
ing coffee and afternoon tea, an entrenched custom at
the Bristol laboratory, proved to be exciting at times.
With Professors Andrew Keller and Sir Charles Frank
often present, what else could they be but interesting,
not to mention input from other lively faculty and keen
researchers?

Andrew and his wife Eva were good friends of ours
and remained so until their early demise.

1. Introduction
Spherulites as polycrystalline moieties in materials,
predate historical records. Now, it is known that they
are found in volcanic rocks [1], silicate minerals [2],
metals [3], rhyolites [4], elemental materials [5], simple
organic molecules [6], natural [7] which are indigenous
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Figure 1 Floreal-looking nylon 4, 9 negatively birefringent spherulites crystallized from the melt at 235◦C (16 hr). Fusion temperature 267◦C
(1/2 hr); ×128.

throughout our world and even on other planets∗, and
unnatural (i.e. synthetic) macromolecules of diverse
kinds [8]. Nowhere are they more prevalent than in the
new materials of the 20th century, i.e. diverse kinds of
synthetic polymers, namely homopolymers [9], copoly-
mers [10], polymer blends [11], and mesophase poly-
mers [12]. Are these similar in kind but different in
detail, is a questions that needs to be resolved?

Perhaps the oldest study of spherulites leads back to
the 19th century when Lehmann [13] described them
as being comprised of fibrillar crystal arrays radiating
from a common central nucleus, thus creating a spheri-
cal aggregate. Now, we realize that they are almost ubiq-
uitous in semi-crystalline synthetic macromolecules,
whether they are crystallized from the supercooled melt
or from moderately supersaturated polymeric solutions
or gels and so on. Even though they are universally rec-
ognizable in the optical microscope, a unique descrip-
tion of their formation and growth is not yet complete,
despite the fact that they are technologically important
and in many ways responsible for the solid state prop-
erties of many plastic materials. Since their presence is

∗ Located in moon rocks.

not always beneficial, attempts are often made to reduce
or control them in diverse ways in regard to their size
and distribution [14]. Sometimes they are almost elim-
inated from commercial products whenever they inter-
fere with mechanical properties and transparency, for
example. Their optical textures are also various and are
sometimes floreal or aesthetic-looking, but their mor-
phologies at times, appear to be complex and not well
understood (see Fig. 1).

The morphogenesis of spherulites grown in viscous
media (i.e. gels) was first tackled by two mineralo-
gists, Morse and Donnay [15] whose optical studies
sparked an interest in this area. They demonstrated that
spherulitic growth occurs whenever dissolved inorganic
salts are “crystallized” from a viscous gel. Somehow,
this procedure compromises regular facetted crystal
growth and instead produces spherulites that are poly-
crystalline. We shall return to this point for an account
of the behavior of small inorganic molecules in su-
percooled melts. Later on, spherulites were found to
be abundant in semi-crystalline polymers and in natu-
ral materials such as biopolymers. With the advent of
World War II, national needs sparked industrial invest-
ments in synthetic polymers as substitutes for natural
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materials such as rubber, silk, etc. most of which had to
be imported. The discovery at that time that man-made
products were often superior in their mechanical per-
formance to natural ones, led to a new polymer industry,
that changed our lives and living standards in so many
ways in the 20th century. Consequently, investigations
of polymer morphology, properties and their uses con-
tinued to grow to its most recent status as a branch of
Materials Science and Engineering Technology.

For instance at ICI, key optical and X-ray struc-
ture investigations were carried out by Bunn and his
associates [16] in the 1940s employing polyethylene
(“Polythene”) and polyamides (nylon 6,6 and 6,10)
[17]. Herbst [18] introduced micro-beam X-ray diffrac-
tion to probe preferred orientation within spherulites.
The morphological and other studies by Keller [19–22]
and Point [23] revitalized the interest in the texture
of spherulites. At this time there were difficulties in
explaining some aspects of polymeric behavior based
upon the Fringed-Micelle Model (FM) [24] where
three dimensional, 3D, crystallites were presumed to
be formed by lateral accretion of chains leaving var-
iously disordered regions interspersed between these
conjoined 3D moieties. The morphology of these re-
gions (often glassy) is still an open question, since,
according to a recent Nobel Laureate, the glassy state
still remains a challenge [25].

With the discovery in 1957 by Keller, Till and Fischer
of chain-folding in polyethylene crystallization from
dilute xylene solution, there was a movement away
from the complex FM model. However, the chain-
folded model is not without its own difficulties; some
of these are mentioned in this article. It is rightful to
recognize (as Keller himself indicated [26]) that chain-
folding had been invoked in 1938 by Storks [27] in
the course of his investigations of thin films of rubber,
but interest was found lacking in this work. However
Keller’s keen pursuit after 1957 of the kinetic aspects
of crystal growth with O’Conner [28] and with oth-
ers [29] established a milestone in macromolecular sci-
ence. Their work demonstrated that chain-folding and
crystal growth are kinetically controlled. Folding was
a rate enabling process that permitted crystallization to
proceed in a less cumbersome manner than the F-M
model had allowed, and also at a moderate rate in many
polymers, except at low and large undercoolings. The-
ories were soon formulated to describe the kinetics of
growth rate measurements, but there were difficulties
as a recent review indicated [30].

Shortly afterwards, Eppe et al. [31], Geil [32], and
many others [33, 34] established by electron mi-
croscopy and diffraction, that in melt crystallized thin
films, the chain molecules were also oriented normal to
surface. The analogy between very thin lamellar-like
textures (“single crystals”) grown from dilute solution
and the slightly thicker lamellae found in hedrites, crys-
talline aggregates and spherulitic films in the bulk crys-
tallization of many different polymers soon followed. In
this manner “bridges were built” and morphology flour-
ished! In an attempt to be terse here, we shall return to
the spherulites per se, but this link is a crucial one in the
morphogenesis of solid polymeric structures, although

some issues such as crystallinity as a signpost of mor-
phology were not always settled in the minds of some
investigators. Other challenges have followed. From
this point on, Andrew Keller’s research flourished. It
was always at the leading edge, but my discourse will
be severely restricted here to the morphology of poly-
mer spherulites and its ramifications, not on his many
successes in other fields. Still, there will be times when
the writer must revert to lamellar crystals in order to
maintain the “link” between melt and solution crystal-
lization where many papers have been published. At
this point, he apologizes for the numerous omissions
that have been made of many other relevant papers in
this vast field.

2. Spherulites
Andrew Keller’s contributions to our understanding of
spherulites started in the early 1950s at ICI, Manchester,
England. He never lost sight of the challenges in
this field; his last publication on spherulites in the
1990s focused on polyamide 66 negative spherulites,
tackling once more a long-standing problem [35, 36]
and one which had eluded many, including the
writer. His early endeavors focussed on semicrystalline
polyamides, polyethers and polyethylenes where he
used microscopy (optical and electron), X-ray diffrac-
tion (small-angle and wide-angle) to study spherulites
and their intricate morphologies.

Briefly, spherulites may be categorized optically us-
ing polarized light, into several types that exhibit char-
acteristic properties. Negatively birefringent entities are
the most common in synthetic polymers with fibrillar
or banded (ringed) extinction patterns, either in dis-
tinct spherulites, or for situations where both morpholo-
gies may co-exist for instance in polyamides as “mixed
spherulites”, :see Fig. 2 [37]. If the twisting of radiating
lamellae is not co-ordinated only a fibrillar-like texture
with well-defined Maltese cross pattern, attests to the
symmetry of these polycrystalline moieties, and cor-
responding to the principal vibration directions of the
polarized light with respect to each other. Periodic “in
phase” twisting or banding was demonstrated for 50µm
banding in polyethylene by Fujawara [38] by means of
optical microscopy and microbeam X-ray diffraction
measured from within these spherulites. A case in point
is presented for the left-handed spirals highlighted in
the ion-etched polyethylene spherulites Fig. 3.

Positively birefringent spherulites are less common
than the negatively birefringent class. They too may
be ringed or fibrillar (lamellar) with their optical po-
larizability along the radius being in excess of the
mean encountered in the other two principal perpen-
dicular directions of the indicatrices. Polymers with
strong dipoles (i.e. H-bonds) have these usually in-
clined at a large angle to the skeletal chain backbone as
in polyamides, and belong to this category [16]. When-
ever the lamellar chain axis is tilted and is twisting about
an optic axis with respect to the spherulite radius, com-
plex “zig-zag” extinction was illustrated schematically
by Keller [39] before uniaxial and biaxial extinction
patterns were modeled by Mann and Roldan [40] and
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Figure 2 “Mixed” nylon 96 positively birefringent spherulites formed from the melt at 210◦C (1/4 hr) after fusion at 270◦C (1/4 hr) (Magill,
unpublished).

Figure 3 Ion-etched spherulite of melt crystallized HDPE polyethylene
with anti-clockwise spiralling. (after Shankernarynan et al. 1987).

Keith and Padden [41], following the theory advanced
by Nye [42]. Now thanks to the careful work of Atkins
and co-workers, structural aspects of polyamides have
been advanced considerably [43].

Another less common category of spherulite is the
non-birefringent variety that only arise in a narrow tem-
perature interval where there appears to be a “switch-
over” in morphology (see: Diversity—Section 12). Op-
tically, this situation may happen whenever (a) the
crystallites within the spherulite are oriented at ran-
dom or (b) when optical viewing takes place along an
optic axis on a Federov stage. In all other orientations
it will appear birefringent.

In the interest of brevity, we will not elaborate on
other less common, but nonetheless important vari-
eties such as (i) crystalline aggregates (ii) hedrites (iii)
chain-extended spherulites (iv) complex spherulites
and (v) floreal and other varieties [8] that are refer-
enced elsewhere, some of these will receive attention

at appropriate places in this article. The over-riding fact
is that spherulites are semicrystalline “composite” ma-
terials comprised of at least two phases intimately inter-
spersed with each other in ways that are responsible for
properties.

3. Spherulite crystallization
Spherulites frequently nucleate heterogeneously and
develop in three dimensions, before impinging upon
each other forming polyhedra. Since the depth of focus
in the optical microscope is limited, the scanning elec-
tron microscope reveals the three dimensional nature
of these bodies (see for example Fig. 3). Decades
ago Kirchoff [44] reported that Gutta-pencha crys-
tallized at 15◦C from a 16% solution in benzene
to form “spherulitic dendritic crystals.” Several other
forms are known to exist in this material. Some are
shown in Fig. 4a and b. Unrestricted spherulitic pro-
files are often obtained by SEM and examples are de-
picted in Fig. 5a and b for natural rubber [9] and poly
(bis-trifluoroethoxy phosphazene) (PBFP) respectively
[45]. The growth of spherulites are most conveniently
investigated in two-dimensional (2D) geometry be-
tween microscope cover-slips. From this vantage point
Flory and McIntrye [46] established that 2D spherulites
grow by a secondary nucleation mechanism, that may
be simply described by

G(T ) ∼ e−K/T�T (1)

where �T = T ◦
m − Tc. G(T ) is the interfacial growth

rate and K is a geometric parameter depending upon
the conditions. This equation does not apply well at
the larger undercooling and the influence of MW on
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(a)

(b)

Figure 4 a) Gutta-percha crystallized from paraffin oil at 42◦C. (×285);
b) Spherulites of Gutta-percha grown from the melt at 18◦C (×270);
(after Schuur, 1953.).

morphology also needs to be factored into the equation.
Mandelkern et al. [47] developed a theory for the crys-
tallization rate of macromolecules from the melt and
concluded that not only the nucleation rate, but also the
spherulitic rate of growth must pass through a max-
imum with undercooling. Homogeneous nucleation
(now known to be incorrect) was presumed. Price [48]
pointed out that polymer crystallization (spherulitic)
from the melt was a heterogeneous process. Most of
this came about before chain–folding was introduced.

In the 1960s Sharples [49] demonstrated that the
formation of spherulitic nuclei in polymers (primary
nucleation) were pseudo-homonogeneous even in the
early stages of growth, because the number of nu-
clei generated with time, under isothermal conditions,
reached a limiting number which was dependent upon
the conditions of growth. Others substantiated this re-
sult and then went on to exploit heterogeneous control
as a procedure for controlling bulk crystallization rate

(a)

(b)

Figure 5 SEM micrographs of melt crystallized spherulites formed un-
der unrestricted growth conditions: a) trans −1, 4-polyisoprene fraction
of Mv = 1.4 × 105 (crystallized from amlyacetate (1% solution) at 20◦C
and reacted with OsO4; (Courtesy of A. E. Woodward). b) SEM micro-
graph of PBFP cast from solution of THF at room temperature; gold
sputtered under Ar at 10−2 Torr; after Kojima and Magill, Ref. 45).

and polymer properties in various ways [14]. The lit-
erature in this area is enormous, containing also many
patents. However, in recent times the need for nucle-
ation control was questioned by Sadler [50, 51] who
proposed that kinetically controlled growth with an ac-
tivation barrier (a “roughness” model) can be sufficient
to mimic the growth rate up to moderate undercooling.
Other kinetic theories are mentioned next.

4. Kinetic rate models for spherulites
Most growth rates may be monitored by employing
many different techniques that record the change in
some property commensurate with the phase transfor-
mation taking place under isothermal or non-isthermal
crystallization conditions with time, as for example
[52]. The earliest quantitative record which demon-
strated that the overall isothermal growth rate, in poly-
mers, passes through a maximum with undercooling,
was due to Wood and Bekkadahl [53] for spherulites in
natural rubber.

Chain folding information of the late 1950s prompted
many kinetic theories of polymer crystallization to be
written. Simply written, these are an extension of Equa-
tion 1 with a translational diffusion term D(T ) added,
expressed as

G(T ) ∼ f (T )D(T ) (2)
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The term f (T ) is a geometric surface free energy
formulation that embodies nucleation/growth of chain
folded lamellae that are bounded respectively by σ , the
lateral surface free energy (assumed constant) and σe,
the chain-folded free energy of the surface that per-
tains to the morphology of ideally folded lamellae in
the Hoffman–Lauritzen formulation [30] and in a re-
cent paper more complex forms after several modifi-
cations were introduced [54]. In any case, if σe is a
dominant morphological parameter (not a constant),
then its magnitude must change in accordance with
the surface or interlamellar morphology of the ap-
propriate system undergoing crystallization. It should
depend upon MW which is of critical importance in
spherulitic melt crystallization especially. Flux-based
kinetic models just mentioned, presume that σe is a
constant, a practice that has been contrary to exper-
iment for decades [55, 56]. Whatever the geometric
model used, it must be a crucial indicator of the sur-
face texture (folded or modified). The overall interfa-
cial surface energy product, σσe, will always increase
irrespective of the geometry selected. Polymer proper-
ties are molecular weight dependent because growth
rate decreases as chain length increases. Properties,
which depend upon morphology, are well illustrated
for the following fractionated polymers such as poly
(TMPS) [56, 57], poly(ethylene) [58], poly (ethylene
oxide) [59], trans −1, 4-poly(isoprene) [60] that cover
MWs from below 104 to above 106 Daltons approxi-
mately. At the lower molecular weights, i.e. below Mc
(corresponding to the molar mass between chain en-
tanglements in zero shear melt viscosity, occur around
∼25K Daltons for poly (TMPS) [61]). Below Mc inter-
molecular interactions (responsible for entanglements)

Figure 6A Effect of molecular weight on the measured crystallinity of a) poly (TMPS); b) poly(ethylene) c); poly(ethylene oxide) fractions. The
weaker dependence of Poly (TMPS) solution grown crystals on MW is included for comparison.

Figure 6B Effect of temperature on the crystallinity forms of polypropy-
lene a) is the γ form; b) is the α form and c) is the a highly isotactic form
(after Turner-Jones et al. Ref. 102).

have little influence on morphology and crystallinity as
in Fig. 6A, which represents this situation. The lamel-
lar interfacial free energy, σe, however deduced, either
from crystallization kinetic models or from SAXS re-
sults [62], by employing:

σe = �hf/2T ◦
m

(
∂Tm

/
∂
−1) (3)

where �hf is the heat of fusion and 
 is the crystal
thickness is also invariant where few topological con-
straints are involved; consequently LMW fractions are
also brittle. However induced morphology forces σe to
climb through this Mc region (not a point) where a sig-
nificant decline in crystallinity begins and continues to
higher MW as spherulites become more disorderly. The
magnitude of the σe term varies almost inversely with
the fall-off in crystallinity. Correspondingly, polymer
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fractions change from being brittle to tough provid-
ing a self-consistent correlation. In poly (TMPS) and
poly (ethylene oxide) growth rates reflect the changing
morphology. Polyethylene is limited as a model system
because of its rapid nucleation and growth which only
permits limited isothermal measurements to be made
over ∼25◦ of undercooling [30]. Fortunately, its prop-
erties have been more extensively investigated, and it
is upon these that we have to depend to make our eval-
uations. The results in Fig. 6A do not rule out chain-
folding above Mc, but they certainly demonstrate that
morphology and hence properties decline progressively
as MW increases. These are experimental facts [55, 56].
The writer finds it difficult to equate a neat fold surface
with measured crystallinity (Xc) values as low as 40%
or less. Surfaces are more ordered in crystals grown
from dilute solution than they are in spherulitic crystal-
lization, even at the higher MWs. This is supported by
the connection between surface swelling, surface etch-
ing and NMR and other spectroscopic measurements
as a function of MW. In this connection Barham et al.
[63] made an important connection between melt and
solution grown crystals relating supercooling and fold
length by l ∼ �T −1. While it is very significant, it does
not tell us about influence of MW which is really the is-
sue here, which is a long standing one. The crystallinity
of solution and melt crystallized poly (TMPS) depend
upon MW as Fig. 6A and [57, 62] show. It seems to
the writer that even in a good solvent long polymer
chains have some degree of intra-molecular chaos vici-
nal to the crystal interface, where they must concentrate
during nucleation and growth. Intra-molecular and in-
termolecular entanglements can not be ruled out, oth-
erwise how can surface perturbations and a decrease
in crystallinity be accounted for at higher MWs? After
all, if a long polymer chain(s) is participating on two
separate parts of a substrate—a highly probable event—
it will compromise growth and crystallinity. DiMarzio
and Gutman acknowledge this situation [64] and our
property measurements and analysis support it.

5. Surface swelling
In the writer’s opinion an important observation was
made by Udagawa and Keller [65] who demonstrated
that there is a liquid induced reversible change in the
measured long-spacing in polyethylene crystal (lamel-
lar) surfaces and that it was MW dependent. Molecular
weights between 2300 and 1.4 × 106 Daltons were in-
vestigated. The authors reported a perturbed amorphous
fold surface for high MW samples, but somehow over-
looked the real implications of this discovery, pointing
out a subtle difference in the amount of imbibed solvent
for the shorter molecular chain fractions (LMW) as op-
posed to HMW fractions. SAXS measurements made
on swollen as well as dry crystals illustrated that the
long period difference ranged from 0.8 nm for the low
to 3.5 nm approximately from the highest MW (HMW).
In the dry state all the surface features (loops, folds and
defects) are collapsed, but in the imbibed condition they
are fully swollen (restored to their natural uncollapsed
state) with a good solvent. It is easy to estimate that
these states may be associated with a crystallinity de-

crease ranging from about 90 to 77% for HMW and
uncollapsed surfaces. The actual values are unimpor-
tant, but it is the trend that is significant. Proton NMR
(broadline) and other techniques have demonstrated
that trend for other polyethylenes, including fractions,
studied in this connection [66–68]. Although Udagawa
and Keller attached only qualitative significance to their
results, the writer finds that this work parallels some-
what related and detailed investigations made in his
laboratory for poly (TMPS) fractions over much the
same MW range. Poly (TMPS) appears to make a
neater fold [69] than is reported for polyethylenes of
comparable MWs, but the mean size is still nonethe-
less elusive. Poly (TMPS) samples were investigated
employing selective etching and quantitative spec-
troscopic investigations with ESCA, FTIR and other
standard morphological probes, are to be addressed
next.

6. Selective etching
Surface chemical degradation of polyethylene was ini-
tiated as a structural probe by Palmer and Cobbald [70]
and followed by Peterlin and Meinel [71] Keller and
coworkers [72], Williams et al. [73] and many others
investigating polyethylene. Polypropylene [74] and cel-
lulose [75] were also investigated along similar lines
in order to evaluate surface and interface morphology.
Polymer bulk (spherulitic) as well as crystal surfaces
figured in these studies. Selective surface etching (that
severed only exposed –Si-O- bonds on the surface, with
no side reactions) was exploited by the writer and asso-
ciates in order to evaluate the efficacy and selectivity of
HF solution [76] and dry diluted HF gas under contin-
uous dynamic flow [77] to selectively removed amor-
phous surfaces from lamellar crystals and spherulites
of poly (TMPS) fractions as a function of chain length.
Chain scission kinetics and analysis of surface and
bulk morphologies were measured. Spectroscopic, es-
pecially ESCA and FTIR techniques provided direct
confirmation of the surface chemistry and the kinetics
of the surface degradation. X-ray scattering (wide and
small-angle) GPC and DSC measurements were also
made. For example in a 34,000 Dalton poly (TMPS)
[77] single crystal fraction the crystallinity increased
from ∼75% for the original crystals to ∼95% level for
the residual crystalline core, after the surface was re-
moved. The fact that there were about 3% of buried
folds indicated by a small shoulder on the GPC trace
(with chains was about 1.5 times the residual core length
of 6.2 nm) may account for the discrepancy from 100%.
This number was verified independently by the metic-
ulous GPC work of Dr J. Stejny of the H.H. Wills Lab-
oratory. From these measurements there is little doubt
that the lamellar surface is non-crystalline even for this
moderately low MW fraction. There may be a mean
size attributable to the amorphous surface and it de-
pends upon MW and methods of specimen preparation.
For spherulitic interfaces or single crystal surfaces and
as well as upon the crystallization conditions which are
employed. It is the amorphous surface that exhibits a
larger MW dependence than the crystal thickness for
the same undercooling, but for increasing MW [62].
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Since more disorder is located in the interlamellar re-
gions of spherulites than on surfaces of crystals of the
same MW, so that a correspondingly longer HF gaseous
etching time is required to remove the interlamel-
lar amorphous material in spherulites as [77] demon-
strates, Complementary evidence is also mentioned in
Section 4.

7. Decoration of spherulites and interfaces
Gold decoration of crystal and spherulitic surfaces was
another useful morphological probe used effectively
by Keller and coworkers [73]. The influence of sol-
vent mobilization by a good swelling agent like xylene
was also studied (Bassett et al. [73]). Fig. 7a and b
was used to highlight the surface mobility that may be
ascribed to quasi-amorphous surface state. Again, the
liquid probe technique relaxes the surface/interfaces to
a lesser degree for low as compared with HMW speci-
mens, demonstrating consistency of behavior; see also
complementary NMR evidence from Kloos et al. [78]
and proton NMR related investigations of Berghmann
et al. [67] and others [68] in verification of the changes
in crystallinity with molar mass fractions especially in
polyethylenes.

Gold decoration work of poly (TMPS) crystals and
fractured spherulitic fractions demonstrated [79] that
the fracture surface was more distinct in LMW than
it was in HMW homo-polymers fractions. Small-angle
X-ray measurements and metal shadowing of crystal
mats for TEM height measurements indicated a measur-
able change in the thickness/lamellar/long period, in-
creasing with MW. Gold decoration techniques used for
poly (TMPS) homo and block copolymers [80] pointed
up surfaces/interface differences that were confirmed
quantitatively by using surface etching with HF (gas
or solution), and aided by spectroscopic and X-ray and
other analysis.

8. Spherulite-copolymer behavior
Spherulites frequently form from block copolymers,
for instance, in random block TMPS/DMS copolymers
[81] of comparable MWs (∼105 Daltons). The copoly-
mersed had variable non-crystallizable DMS (dimethyl
silicone) block-like content ranging from 0% to 75% as
illustrated below:

TMPS/DMS copolymer

y = DMS non-crystallizable block ∼18wt%

x = TMPS variable length crystallizable component

z = overall molecular ∼105

In solution grown crystals of these copolymers from 0%
up to 75% wt% DMS, the DMS component was rejected
to the surface. It interferes at all levels with screw dis-

Figure 7 Gold decorated surfaces of polyethylene crystals, a) without
xylene mobilization of the surface (after Bassett et al., 1967), and b) after
mobilization of the crystal surface (after Blundell and Keller, 1973).

locations growth, eventually eliminating this process,
causing the crystals to more than double the original
homopolymer thickness which is indicative of the inter-
layer disorder. At the same time crystals change from a
multi-layer screw surface with well-developed faces to
a ragged appearance (see Fig. 8A)—to which it is dif-
ficult to assign internal order; yet these crystals diffract
in the electron beam. Based upon X-ray and DSC crys-
tallinity measurements, the Xc declines from ∼75%
for TMPS homopolymer to <50% in the copolymer
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(a)

(b)

Figure 8 A Solution growth poly (TMPS/DMS) crystals of different wt.% DMS block copolymers listed in Fig. 8B; after Refs 81). (Continued.)

with the highest DMS content. An even greater de-
crease occurs when the same copolymers are melt crys-
tallized. The spherulitic samples with crystallinity of
about 13% occur for the highest DMS content of 25/75
wt% copolymer. Surprisingly the spherulite shape is
much better preserved than that of the corresponding
crystals. It is important to realize that an increase in
interfacial free energy accompanies this decrease in
Xc. Under the polarizing microscope these spherulites
do not appear to exhibit this serious change in Xc
(see for instance Fig. 8B). However, property mea-
surements such as density, melting and glass temper-
atures, Young’s modulus and dynamic storage moduli
decrease. An increase in the SAXS long period and
elongation with DMS content under applied stress, are

all significant and inter-related [81]. The interlamel-
lar disorder in spherulites is aggravated by topologi-
cal constraints and by the rejection of non-crystalline
DMS and other matter to the lamellar interfaces which
accords with all of the measured trends in properties
[82]. There is hardly a hint of this drastic decrease in
crystallinity from an inspection of the spherulitic mi-
crographs. Clearly, branching and all kinds of defects
are rampant in most spherulites for space-filling and
other reasons. The samples of lower crystallinity are
somewhat elastic, yet they are linear copolymers. We
already know that significant decreases in crystallinity
with increasing molecular weight take place in homo-
polymers on account of increasing interlamellar disor-
der with increasing MW.
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(c)

(d)

Figure 8 A (Continued.)
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Figure 8 B Melt crystallized spherulites in random block copolymer TMPS/DMS, a) poly(TMPS) crystallized at 90◦C (×380) b) TMPS/DMS
(30/70 wt%) stepwise crystallized at 62.5◦C and 25◦C, respectively (×375) c) TMPS/DMS (50/50 wt%) crystallized at 30◦C (×400) d) TMPS/DMS
(50/50 wt%) crystallized at 60◦C (×400); after Li and Magill, Polymer, 19 (1978) 815.

9. Micro-beam scattering from spherulites
Herbst [18] and Keller [19] pioneered the use of
X-ray microbeams to study orientation within several
kinds of spherulites such as polyethylene, polyesters,
polyamides and other investigations have used this tech-
nique for the same purpose. An interesting comparison
may be made of the different types of electro-magnetic
scattering obtained from negatively birefringent poly
(TMPS) spherulites in Fig. 9, illustrated by:

(a) 30 µm dia. X-RAY beam of Cu Kα X-ray radiation
(exposure time in hours) [56].

(b) 4 µm synchrotron beam of λ = 0.095 nm (expo-
sure time 16 s/frame) [83].
(c) 50 µm laser light beam in Vv, Hv, VH, and Hh

modes (exposure less than one minute; each pattern in
this micrograph received the same exposure). At the
extreme right is shown the fibrillar portion (e) of the
spherulite from which the small angle light scattering
SALS was obtained [84].

Diffraction patterns (a) and (b) were obtained from
spherulites in an 8700 Dalton fraction and SALS de-
picted in (c) was obtained from a 25000 fraction
spherulite. In all instances, the spherulites were large
compared to the respective radiation beam diameters
employed. All patterns were recorded along a spherulite
radius and each depicts the morphological features
corresponding to uncoordinated twisting of “rod-like”
lamellae from within these spherulites. In (a) the wide
angle X-ray scattering (radius arrowed) clearly shows the
tetragonal symmetry that is associated with the crystal
structure of poly (TMPS) [69]. The lamellae are radial
with a small degree of divergence with respect to each
other. In (b) the short wave-length small-angle X-ray
scattering traverses the center of the spherulite from
one side to another, in 5-µm step increments as marked
in the figure. At the center of the spherulite where lamel-
lae are more divergent, Riekel et al. [83] reported a six-
point pattern where more lamellae are twisting (less
ordered) with respect to each other; further out the
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(a)

(b) (c)

Figure 9 Electromagnetic scattering from poly (TMPS) spherulites obtained from isothermally crystallized fraction of 8.7 K Daltons for i) 30 µm
diameter beam of Cu Kα X-ray radiation (several hrs.); after Magill, 1964; ii) 4 µm synchotron beam of γ = 0.095 nm (exposure time 16 s/frame)
Courtesy of C. Riekel); iii) 50 µm laser light beam in VV, Hv, VH and HH modes (exposure less than one minute; each pattern in this micrograph
received the same exposure). At the extreme right is the fibrillar portion, d) of the spherulite from which the SALS scattering was obtained; after
Birnboim et al., Ref. 84).

scattering moves from a four-point SAXS pattern to
a two-point image further out along the radius where
lamellae are nearly parallel to each other. In (c) the
SALS pattern taken with a 30 µm diameter beam from
an area (d) of the spherulite illuminated on the extreme
right. All of the scattering features were obtained along
the spherulite radius, and they are consistent with a
stronger polarizability perpendicular to the radius in
the Vv pattern which corresponds to the growth direc-
tion of the rods or lamellae. As anticipated, it is cor-
respondingly less for Hv and Vh scattering signals re-
spectively. All of this is in agreement with a “c” axis
orientation transverse to the lamellae that are radially
oriented. The Hv pattern is almost symmetrical. In this
diagram H and V refer to the polarizer and analyzed
directions and the subscripts denote the plane of po-
larization in each instance. The elongated dark flecks

that are evident between cross-polaroids from within
a poly (TMPS) spherulite in the radial direction (see
for instance Fig. 9(c)) attest to asynchronous lamellar
twisting that takes place along the radial direction.

A critique of beam (spot) size, angular resolution,
synchrotron beam damage and other key factors is
given in Riekel’s informative article for the ESRF micro
X-ray scattering facility and other instrumentation [83]
and in other papers now in press. Many different beam
sizes are now used routinely at ESRF with the small-
est below 100 nm diameter favored for more detailed
morphological probing.

10. Void formation during crystallization
Voids are an important source of “defects” when crys-
tallizing spherulites impinge, yet they are often over-
looked, despite the fact that they may be detrimental
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Figure 10 Void formation in entrapped melt by impinging poly (TMPS) spherulites (white light) crystallizing at 25◦C (5 min) ×150; after Magill,
1964).

from a properties perspective. During crystallization
numerous small voids and shorter chains may accu-
mulate at the impinging spheruilite boundaries, espe-
cially in unfractionated polymer. A less common event,
but with similar consequences arises in the isothermal
crystallization of a fractionated specimen whenever rel-
atively large spherulites entrap an isolated region of
the melt as they approach each other as illustrated in
Fig. 10. In order to compensate for the stressed vol-
ume in the confined space, the trapped melt undergoes
prolific void formation, around which nucleation and
growth occurs instantly, completely transforming the
melt [56]. At the same time the peripheral regions of
the larger spherulites break away from the surrounding
cover slips, adding to the evidence that the enclosed
volume transformation may have been stress induced.
Anyhow, these encapsulated areas must impair the ma-
terial density and some of its void sensitive properties.
A recent and interesting example [85] of this type in-
volves stress-induced banding in spherulites. The reg-
ular banding of the spherulites becomes distorted upon
nearing an isolated melt pocket, just before void forma-
tion when nucleation is triggered. There must be many
other examples of this behavior, particularly in com-
mercial samples, that merit closer attention. Perhaps
in situ stress measurements could be conducted during
growth to investigate this situation?

11. Spherulitic thin films and crystallinity
A recent report highlights morphological changes in
the crystallization of isotactic polystyrene whenever
spherulitic growth is severely restricted to two dimen-
sions i.e. in very thin layers. It is found that the resul-
tant morphology is platelet-like or facetted in a nice
illustration published by Taguchi et al. [86]. These au-
thors demonstrate and ascribe the change in “habit”
from facetted morphology to a dendritic-like spherulitic
habit as due to diffusion-limited growth particularly at

the lower crystallization conditions. All of the mor-
phologies reported do exhibit well-defined diffraction
patterns. In some sense, they are analogous to the thin
polyamide films mentioned at the beginning of this ar-
ticle, that were reported to exhibit “single crystal-like”
features by electron microscopy and diffraction, some-
what comparable with solution growth crystals. It is
worth drawing attention to the fact that thick melt crys-
tallized films of isotactic polystyrene and polyamides
only exhibit moderate crystallinity levels and there is
always a recognizable amorphous halo associated with
discrete X-ray reflections in any such pattern.

12. Diversity in spherulite morphologies
Spherulite morphology is very dependent upon factors
such as crystallization conditions, and polymer chem-
istry, including composition and molecular weight,
as illustrated here. For instance, gutta-percha exhibits
more than two types of spherulites. Fig. 4a grows
isothermally with alternating bands showing two differ-
ent spacings (double-extinction) with a left-hand twist
from paraffin oil at 42◦C., whilst Fig. 4b displays a typ-
ical Maltese cross and a fibrillar-like morphology with
no banding. When trans-1,4- polyisoprene spherulites
are crystallized from 1% amyl acetate solution, they ap-
pear like curved space-filling platelet-like entities ema-
nating from a central nucleus. These spheroidal shapes
(spherulites) are made up of curved multiple lamellae
that may be formed by screw dislocation growth [87].
A variety of other interesting structures are to be found
in Woodward’s Book, Ref # 9. The morphological fea-
tures of spherulite growth in rubber have been fairly
well investigated but their nucleation mechanism is still
unclear, as well as their growth patterns that are formed
under quiescent conditions. Growth under applied ten-
sion adds a new dimension to this morphology which
cannot be examined here.
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In polyamides, for example, spherulitic crystalliza-
tion may be categorized according to the type and se-
quences of the monomer repeat units in the polymer
chain, as well as upon the disposition and number of
H-bonds in the structure. It is customary to list the num-
ber of carbon atoms in the diamine before the number
in diacid of the monomer repeat (now often written as
n1, n2 + 2) for describing these polyamides. The se-
quencing in the unit cell and in the crystallites dictate
the H-bonding and properties of a polyamide. Consid-
erable, yet insufficient attention has been devoted to
the spherulitic morphology of polyamides. Only a few
“odd-odd” type polymers will be addressed here to il-
lustrate the similarity and the diversity in this category.
Nylon 5,5, nylon 5,7 and nylon 7,7, nylon 9,7 and nylon
9,9 are selected.

(a)

(b)

Figure 11 a) Birefringence vs. crystallization scenario for “odd-odd” polyamides: 5.5, 5.7 and 7.7. Note that all spherulites are negatively birefringent;
b) displays weakly negatively birefringent spherulites grown close to T1 in (a) (compensated mildly with a Berek compensator), ×310; c) “Mixed”
spherulites of nylon 9.7 with ringed centers (3.8 µm spacing) with an aggregate-like overgrowth; crystallized at 200◦C (16 hr.) after fusion at 254◦C
(15 min); ×400. (after Ref. 88). (Continued.)

There is a generalized isothermal spherulite growth
patterns with temperature that is portrayed in Fig 11a.
In this example, the three polymers were each fused
at 270◦C and subsequently crystallized isothermally at
different temperatures [88]. Nylon 7,7 exhibits banded
spherulites below an isothermal growth temperature,
T1, where non-birefringent spherulites only crystallize.
Note that the ring spacing decreases with increasing
undercooling, a normal feature for most polymers. Ny-
lon 5,5 and nylon 5,7 do not exhibit banding over the
isothermal field of study, but non-banded structures oc-
cur above T1. All spherulites are negatively birefringent
on either side of T1. The higher melting crystalline ag-
gregates (CA) and/or hedrites nucleate and grow only
at the smaller undercooling. In all polyamides studied
the CA textures melt higher than either the negative
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(c)

Figure 11 (Continued.)

of positive spherulites of the same polymer. This be-
havior is typical of polyamides in general. All of the
“odd-odd” polymers may be crystallized in very thin
melt films, as platelet-like moieties or domains which
exhibit well defined electron diffraction patterns. The
high temperature structures of odd-odd polyamides are
hexagonal, i.e. in the γ conformation (first documented
by Kinoshita) which has its “c” axis perpendicular to the
basal plane of the unit cell, and is foreshortened along its
length by an “out-plane-twist” of the >CONH< groups
in each monomeric repeat [see for example Ref. 10,
p. 100–101]. Recently, Bermudez et al. [89] reported
that solution grown crystals of 3,5 and 5,7 polyamides
have H-bonds in sheets, although modeling studies de-
termine that nylon 5,7 prefers a γ -form with H- bonding
in two directions. The unusually large 50 µm spacing
found in nylon 7,7 spherulites (Fig. 12) was investi-
gated radially with a 25 µm dia Cu K∝ X-ray beam.
The diffraction pattern rotated in a manner consistent
with lamellar twisting about an optic axis [90]. Nylon
9,7 (Fig. 11c) exhibits complex behavior with ringed
centers fanning into aggregate-like overgrowths lack-
ing well-defined extinction directions. In Fig. 11b ny-
lon 5,5 low negatively birefringent orientation (revealed
by a Berek compensator) along with peripheral over-
growths presumably formed upon quenching. Nylon
9,7 exhibited widely banded and “mixed” spherulites
co-existing. Nylon 9,9 also showed varieties that are
related to the others in this category. Elsewhere, other
polyamides display a richness of detail in other cate-
gories that merit further investigation.

13. Growth morphology models
In brief, there appear to be two prominent models for
ringed and non-ringed spherulites at present. Bassett’s
model [91] involves enhancement of rotation at dislo-
cations through splaying of isolated lamellae. During
crystallization it is stated that there is a force, exerted by
(dynamic) cilia controlling morphology. In this model
spherulites and chain-folding are interrelated which is
inconsistent with the writer’s own observations for su-
percooled melts of several purified aromatic molecules.
Here spherulites may also grow where chains do not
exist; see Section 15 of this article. The writer sug-
gests that the viscosity of the melt may have a more
tangible influence on morphology since the melt vis-
cosity of short chain polyethylenes where C294 alkane
spherulites are reported is of the order of a few hundred
poise. This viscosity was estimated from data in the lit-
erature [92]. Surprisingly, it is about this level where
spherulites were reported to grow in polyphenyl melts
many years ago by the writer and associates [6]. This
may be more than a coincidence. We will return to this
point later, in the section on small molecule spherulites.
Bassett also claims that cellulation (ie. fingering at
the interface) has been recently demonstrated for the
first time in his laboratory for undoped, but branched
Ziegler-Natta type (metallocene) polyethylenes. Inter-
estingly, after a period of normal linear growth, the rate
becomes non-linear (decreases) as rejected species ac-
cumulate at/in the growth front, especially when the
polymer branch point density is high; ie., typically
∼30/1000 C atoms. A change of supercooling with
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Figure 12 Melt crystallized nylon 7.7 spherulites with 50 µm spacing crystallized isothermally from the melt at 187◦C after fusion at 260◦C (30 min.)
(unpublished).

crystallization time at the crystallization front, seems
plausible enough to account for the “fall-off” in growth
rate with time. However the writer is unclear about the
the influence of “the force of cilia” which he believes
should decrease as the MW of the polymer increases, so
that its influence (this force) ought to weaken as chains
increase in length. Flory et al. [93] demonstrated long
ago that polymer properties (density, melting tempera-
ture and glass temperature etc), curve or move asymp-
totically towards a limiting value at high MWs.

According to the Keith and Padden phenomenologi-
cal model [94], impurities are claimed to “regulate” the
lamellar/fibrillar width “δ” of lamellae developing at
the melt-liquid interface during spherulitic growth. The
mean width, “δ”, was predicted to scale as the diffusion
constant D of the slower moving impurities at the front
of the growing spherulite, of growth rate G, but there is
disagreement between measured and predicted widths
of several orders of magnitude for spherulites found in
polymers and small molecules [6]. Fibrils or lamellae
do become coarser as the crystallization temperature is
raised in line with the model:

δ = D/G (4)

which suggests the correct trend, but not the proper
magnitude of σ . The real answer may be more com-
plex. Anyhow, there seems to be some agreement on
brancing behavior per se between these two models,
but controversy continues over finer details. Perhaps, it
is appropriate to mention another complication here, ie
a serious bifurcation in the Stokes-Einstein equation re-
lating viscosity with diffusivity (which begins at super-
coolings well above the respective glass temperature of
several polyphenyls). This discrepancy was pointed out

decades ago and re-analyzed just recently by us [95].
This bifurcation may also have serious implications for
the transport term in kinetic theories of crystallization.
These are inquiring rather than critical remarks.

14. Deformation of spherulites
Their mode of deformation is closely allied with the
spherulitic morphology in unoriented specimens. How-
ever there are also spherulitic size effects and sample
preparation, not forgetting the influence of molecular
weight or copolymer content. As an illustration (not
a generalization) Way et al. [96] have demonstrated
that the yield stress for isotactic polypropylene is a
function of spherulite size arising from a balance be-
tween (a) boundary failure and (b) intraspherulitic fail-
ure, each of which alters in their preparation. There are
other examples in the literature dating back to the early
1960s. As already emphasized, spherulite deformation
changes from brittle at low MWs, to tough at moder-
ate to high MWs. According to Peterlin [97] HMW
spherulitic polyethylene cannot be stretched to high
draw ratios because of its entangled nature, except in
a gelled state [98]. The changes in morphology with
strain from spherulites to stretched fibrillar structures
have been illustrated by Samuels [99] and Peterlin [100]
and the decrease of yield stress and modulus with in-
creasing temperatures has been covered in detail by
Hadley and Ward [101] and others. Even under stress-
free conditions, crystallinity depends on temperature
[102, 103] and is well documented for many semi-
crystalline polymers (Fig. 6B). Without inherent dis-
order of diverse kinds of polymers would exhibit poor
load-bearing properties if lamellae were solely com-
prised of neatly folded lamellae!
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Figure 13 A Crystallization growth rate vs. temperature curve for TNB aromatic hydrocarbon with a) viscosity curve insert b) morphology inserts
from simple crystals to spherulites grown from the melt. Different morphologies grow at C and D where the morphological habit can be reversed
simply by changing the environment; (after Ref. 6).

15. Small molecule spherulites
Molecules form complex spatial patterns in response to
a non-equilibrium situation, imposed upon them during
crystallization. Systems that are in equilibrium tend to
adopt simple (crystallographic) spatial structures unless
they are forced out of this state by imposing a rapid
change in temperature (and/or environment) when it
(the system) tries to adjust itself to a lower free energy
condition. This behavior may be nicely illustrated with
any of the three different purified van der Waals aro-
matic hydrocarbons in this section. For example, con-

sider Fig. 13A, for 1,3-bis (1-naphthyl)−5-(2-naphthyl)
benzene, TNB, at small undercooling where it grows as
a single crystal [6]. At large undercooling the morphol-
ogy is spherulitic. For example crystallization may be
rapidly down-quenched or up-quenched between any
two points C and D where growth rates are identical, but
the constraints very different—ie the viscosity, and/or
diffusivity are magnitudes apart. If for example, a sin-
gle crystal growing at C, is rapidly down-quenched to
D and held here in a viscous environment, its growth
front proliferates forming many smaller radial crystals
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Figure 13 B (a) Single crystal growth behavior of TNB (in white light) formed, for example, at C and then rapidly quenched to more viscous
environment at D where (b)–(d), it develops a multi-facetted growth front fanning out into a spherulitic form. Micrograph (e) is further growth after
an up-quench from (d), and (f) shows the spherulitic development at either end of the original single crystal demonstrating the overall reversibility
between C and D conditions; (after Ref. 6).

that eventually take on a spherulitic morphology appro-
priate to its new (viscous) environment. Contrariwise,
when a spherulite growing in a viscous environment
at D, is switched to a low viscosity-low undercooling
environment, for instance at C, and held here isother-
mally, it will develop well defined and facetted lamellae
characteristic of the original single crystal morphol-
ogy at C, but bunched together, but diverging. Fig. 13B
show a time lapse series of micrographs—(a) through
(f)—that illustrates this process (see figure caption).
The growth pattern may be changed at will altering the
growth constraints on the system. Whenever the envi-
ronmental conditions are altered then the system takes
on the most stable morphology appropriate to the new
circumstances. This is a clear illustration of spherulite
formation based entirely on environmental constraints.
May be there is another reason for spherulite growth in
small molecules? It seems to the writer that there are
at least three factors involved, namely anisotropy, sur-
face tension, diffusion and/or “viscous drag” governed
by temperature, which are responsible for the mor-
phology. Spherulitic formation in small molecules can
only be captured in a viscous environment; and where
crystallography (not impurities) is the controlling in-
fluence as just illustrated. The molecular asymmetry
of the species may also play some role. Spherulites
are space-filling and display a distinct Maltese cross
between cross-polars. They exhibit a negative birefrin-
gence, corresponding to the lamellae (crystals) of which
they are comprised. No chain-folding is necessary, only
a viscous environment that relates to other important
physical parameters! One of the key issues here is
that the morphology depends upon the crystallization
environment [6] and there only van der Waal forces
between molecules are involved. Of course, small po-
lar or ionic molecules [15] in viscous gels also yield
spherulites! There are other examples of this behavior.

Dendritic morphologies also form under appropri-
ate conditions in these asymmetric aromatic hydrocar-
bons. A case in point is Fig. 14a for the asymmetric

aromatic molecule 1 : 1′ binaphthyl (1 : 1′ DNp). This
material can also exist in two distinct enantiomorphic
forms, -R(−) and S-(+) depending upon the under-
cooling conditions. Since the melting points of each
form are well separated they can be isolated from one
another in selected regions of undercooling and their
individual rates of crystallization measured [104]. In-
deed 1, 1′ DNp can develop optical activity in a sponta-
neous manner [105]. Banded structures were not found
in our early experiments in spite of the chirality, but
spherulites were obtained, Fig. 14b. Recent investiga-
tions of banded spherulites in chiral polymers such as
poly (propylene oxide) and poly (epichlorohydrin) raise
some new issues between conformational chirality and
handidness for further study [106]. Dendritic structures
of some materials are perhaps better understood than
spherulites, but we must still ask—is there a unique
mechanism that is responsible for all nucleation and
growth? Is a different primary nucleation and growth
mechanism required for every class of materials? Surely
not! Observations and measurements provide us with
facts. Modeling indicates that between diffusion and
surface tension the motion of a dendrite tip with ema-
nating side branches behind it (termed secondary, ter-
tiary etc) arises under diffusion-limited conditions. In
reality, it may even be more complicated than recent
computer modeling has demonstrated.

Other pure aromatic hydrocarbons that have been
investigated by the writer and associates are 1 : 2
diphenylbenzene (1, 2 DPB) in some detail along with
a more polar asymmetric species ∝-phenol-o-cresol
(∝POC) [105]. All of the molecules cited here are
glass-formers, and it is very beneficial experimentally,
that they are also crystallizable molecules that exhibit
morphologies and behavior (at least superficially) not
unlike more complex polar and/or polymeric species.
Because of the purity of these polyphenyls, liquid and
glassy properties can be investigated without interfer-
ence from nucleation and crystallization within the time
frame of the experimental measurements. Interestingly,
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(a)

(b)

Figure 14 Crystallization of 1:1’ DNp aromatic hydrocarbon crystallized from the melt a) dendrites at 120◦C b) spherulite at 125◦C. Scale: 1 cm =
80 µm (unpublished).

the polyphenyls all obey the rule of Jackson et al. [107]
mentioned in our early publications which states that
the interface morphology of small molecules is facetted
if �Sf/R > 2, a condition which is obeyed by the small
molecules in this article. Whenever this ratio is less than
2 a planar crystal growth front cellulates (ie. breaks
down into finger-like non-crystallographic proturber-
ances). Few polymers have facetted fronts but how rel-
evant is this ratio rule for anisotropic chains, segments
or repeat units? In any case in the “link” between small
and large molecules lies a challenge that still awaits
an answer. Does the fact that spherulites can grow on
crystals and vice-versa have any meaning?

16. Contrasts in specimen purity
For a moment it is appropriate to consider how we
gauge purity in materials. Fractionation of high poly-
mers in the melt is still problematic since zone-refining
is unsuccessful on account of their high viscosity and
various kinds of entanglements. It is interesting to ex-
amine some aspect of the meaning of purity in ma-
terials. Consider for example, a blend comprised of
one third of each monodisperse polymer component,
namely 300000, 350000 and 400000 Daltons respec-
tively has a calculated (sharp) polydispersity index,
PI. ∼1.01—a nice number but hardly morphologically
“pure” by any standard since the highest one third of the
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Figure 15 SEM micrograph of facetted interfaces of isotactic polypropylene highlighted by ion-bombardment after crystallized from the melt.
(Courtesy of M. Kojima).

molecules are 33% longer than the lowest one third of
molecules in this sample! Nevertheless some crystalline
polymers have been shown to have facetted interfaces of
variable shapes at the melt-substrate growth front [108]
(see Fig. 15). In the case of a selenium specimen of ana-
lytical purity 99.9999% it may be comprised of Se rings
and chains in equilibrium that may coexist for thermo-
dynamic reasons [109, 110] may also exhibit facetted
growth fronts! We must also wonder about the meaning
and role of molecular “purity” with temperature in this
and other examples.

Maybe there is a paradigm somewhere that intercon-
nects all materials—a common thread if you will—
between microscopic and macroscopic morphology if
the writer was only able to recognize it?

17. Conclusions
Molecular weight is a key factor that controls spherulitic
morphology and hence polymer properties and other
tangible parameters. Chain length distinguishes the be-
havior and properties of large from small molecules,
yet basic “links” in crystallization behavior seem to
exist between them. The changes in properties encoun-
tered on going from low to high MWs are a conse-
quence of topological constraints (including multiple
nucleation events) at the growing substrate in the super-
cooled melt. In spherulites topological effects become
more predominant as chains become longer. Chain fold-
ing in solution-grown lamellae is only affected at the
higher molecular weights. The measured decrease in
polymer density and crystallinity and the increase in
interfacial free energy and toughness are in accord with
other significant changes that depend upon MW in melt
crystallized homo-polymers. Void formation and pro-
lific nucleation in entrapped melt between spherulites
are a potential source of weakness between spherulites.
In random block copolymers of comparable MW but
variable composition, non-crystallizable components
segregate to inter-lamellar regions (for thermodynamic
reasons) They progressively reduce and finally elimi-

nate screw dislocations in TMPS copolymer crystals.
This event is highlighted by a substantial change in
morphology, increase in lamellar thickness and a de-
crease in crystallinity of TMPS/DMS copolymers. The
biggest source of imperfections is located at crystal sur-
faces and spherulite inter-lamella interfaces.

In small molecules, spherulites will nucleate and
grow in a viscous environment whenever circumstances
are favorable. Even for relatively short monodisperse
chain alkanes, spherulitic growth appears to be favored
under viscous conditions. Where polymer spherulitic
growth is severely limited by cover-slips, new as well as
old evidence demonstrates that the morphology is more
orderly here than it is when dimensional free growth
is allowed. The optical appearance of spherulites can-
not be used as a guide to crystallinity and other prop-
erties, yet there are groups of polymers, such as the
polyamides, that seem to fit into patterns that are com-
mensurate with their chemical structure.
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